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a b s t r a c t
The effects of cold deformation prior to aging on the precipitation behavior, microstructure and
mechanical properties of an Al–5.6Cu–0.72 Mg–0.5Ag–0.32Mn–0.17Sc–0.12Zr (in wt%) alloy were
investigated. Pre-straining disrupts the formation of Mg–Ag co-clusters, modifying the normal
precipitation sequence. A strong increase in the dislocation density by a factor of 100 leads to a 40%
decrease in the number density, NV, of the Ω-phase at pre-strains of εZ1% (εZ0.01). The aspect ratios of
the platelets in this phase increased from 21 to 42 after a negligible pre-strain of r1% (εr0.01) and
further decreased to 25 in the pre-strain interval of 1–80% (ε0.01–1.61). In addition, the nucleation
of the Cu-rich θ0-phase occurs on dislocations. The heterogeneous nucleation of the thick Ω-phase
particles with low aspect ratios (12) and equiaxed particles of S-phase with dimensions r5 nm on the
deformation-induced boundaries was found. After peak aging, the yield stress (YS) and ultimate tensile
strength (UTS) increased from 47874 MPa and 52278 MPa for the as-quenched alloy to 51674 MPa
and 56876 MPa in the longitudinal and 55475 MPa and 60173 MPa in the transversal directions,
respectively, for the alloy subjected to pre-straining with a rolling reduction of 80% (ε1.61). Cold rolling
prior to aging induces the anisotropy in mechanical behavior through the formation of
deformation bands.
& 2014 Elsevier B.V. All rights reserved.
1. Introduction
Age-hardenable aluminum alloys belonging to the Al–Cu–Mg–
Ag system are used in the aerospace industry due to their
attractive combination of high speciﬁc strength, good fracture
toughness and enhanced creep resistance attributed to the highly
efﬁcient strengthening by the Ω-phase [1–10]. This phase is a
coherent modiﬁcation of the equilibrium θ-phase (Al2Cu) that
forms as a uniform dispersion of thin, hexagonal plates with large
aspect ratios (diameter/thickness) on the {111}α habit planes
[2–5,11–15]. The replacement of the Al atoms in the entire ﬁrst
and second layers on the broad faces of the Ω-phase plate in the
direction normal to the Ω/Al interface with either Ag or Mg,
respectively, lowers the interfacial energy of the (001)Ω//(111)α
interface and aids in accommodation of the misﬁt and the
volumetric strain that exist between the Ω-phase and the Al lattice
[4,5]. Thus, Ag and Mg segregation at the interfaces provides a
high degree of coherence on the broad faces. The edges of the
plates can lose coherency through Ω plate thickening [4]. The
precipitation sequence of Al–Cu–Mg–Ag can be summarized as
follows [4,6,7,11]:
SSSS-Guinier–Preston GPð Þzones-Ω phase-θ  phase
þS  phase ð1Þ
The role of Ag is to act as an effective trap for Mg atoms
[6,8,11,12]. These aggregates combine with Cu to form {111}α GP
zones that continuously evolve into the Ω-phase through direct
allotropic transformation [11]. In Stage III, the Ω-phase is replaced
by the θ-phase, mainly through the separate nucleation and
growth of the θ-phase at a very slow rate under static aging [13]
or the in situ allotropic transformation Ω-phase-θ-phase under
plastic deformation at intermediate temperatures [7]. Most of the
θ-phase particles nucleate homogenously or on grain boundaries.
In addition, S-phases (Al2CuMg) and a small portion of the θ-phase
nucleate at matrix dislocations.
Commercial Al–Cu–Mg–Ag alloys, such as AA2139, offer sub-
stantially higher yield stresses (YS) and ultimate tensile strengths
(UTS) with high levels of damage tolerance if they are cold-worked
after quenching and prior to peak aging [9,16]. In other words,
these alloys are subjected to a T8 temper [9,10,14]. In the T8
process, the cold working resulted in a high density of dislocations
and dramatically increased the number density of the θ0-phase,
which forms rectangular or octagonal plates parallel and semi-
coherent to the {100}α planes on lattice dislocations at the
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expense of the Ω-phase [15–17]. Concurrently, the passage of
dislocations through the matrix during deformation prior to aging
disrupts the clustering of Ag and Mg atoms and also alters the
vacancy content [14,15,18]. As a result, the precipitation sequence
in a pre-deformed structure can be re-written as [15]
SSSS-Ω phaseþθ0  phase-θ  phaseþS  phase ð2Þ
In the T8 process, there is a competitive process between bulk
precipitation of the Ω-phase on {111}α habit planes and precipitation
of the θ0-phase on dislocations on the {100}α planes from the super-
saturated solid solution. Cold working before aging reﬁnes the mean
dimensions of the Ω-phase retaining the aspect ratio of the platelets
and provides a uniform dispersion of the θ0-phase [15]. It was
suggested [10] that the Ω-phase that precipitated on the {111}α planes
is a more effective strengthener than the θ0-phase precipitated on the
{100}α planes [2]. However, it was recently assumed that precipitate
plates lying on {111}α planes are relatively ineffective in impeding
dislocation glide in the fcc lattice. The dispersion strengthening
associated with these plates can be even less than the dispersion
strengthening attributed to the θ0-phase [19]. In general, the effect of
the T8 process on the precipitation andmechanical properties strongly
depends on the alloy and pre-strain [20–23].
The goal of this paper is to consider the effect of pre-
deformation by cold tension and rolling on the precipitation
behavior and evolution of mechanical properties in an Al–Cu–
Mg–Ag alloy with high Cu-to-Mg ratio during artiﬁcial aging. The
relationships between the microstructure and mechanical proper-
ties will be established. Based on this study, the strengthening
potential for achieving a high strength in experimental AA2139
alloy modiﬁed by 0.17 wt% Sc, 0.12 wt% Zr, 0.1 wt% Ge and contain-
ing no V by imposing large strain under the thermomechanical
processing (TMP) will be evaluated.
2. Experimental details
An experimental version of the AA2139 alloy with a chemical
composition of Al–5.6Cu–0.72 Mg–0.5Ag–0.32Mn–0.17Sc–0.12Zr–
0.1Ge (wt%) was prepared using direct-chill, semi-continuous casting
process with high cooling rate [10,24]. In this process, ingots were cast
by the vertical process in which the molted alloy was poured into a
water-cooled mold. Then, ingots were subjected to a two-step homo-
genization annealing at 360 1C for 6 h, followed by subsequent heating
to 510 1C and soaking for 24 h [24,25]. After homogenization annealing
these ingots were extruded at 400 1Cwith an extrusion ratio of 2.6:1
to rods with a diameter of 50 mm. Next, these rods were hot rolled by
duo rolling mill along the main axis to plates with a thickness of
20mm. The sheets with a 40-mm width, a 70-mm length and
different thicknesses (1.7, 1.9, 2.1, 2.5, 3.0, 3.8, 7.5 mm) were cut from
the hot rolled plates using wire electric discharge machine Sodick
AQ300L. These plates were pre-heated at 525 1C for 1 h followed by
water quenching.
These sheets were processed in four different conditions (Fig. 1).
First, in the T4 process, the sheets with a 1.5-mm thickness were
naturally aged with no pre-straining. Second, in the T6 process, the
sheets with a 1.5-mm thickness were artiﬁcially aged with no pre-
straining (Fig. 1a). Third, in the T65X process the sheets with a 1.5-mm
thickness were cold-worked between quenching and artiﬁcial aging
(Fig. 1b) using the ﬂat “dog bone” tensile samples with a 16-mm gauge
length and a 31.5-mm2 cross-section to simulate stretching. The
axis sample matched with the direction of the previous hot rolling.
These samples were tensioned at room temperature and initial strain
rates of 2.1103 s1 up to ﬁxed engineering strains ranging from
1% to 10% (true pre-strains ranges from 0.01 to 0.1) at room
temperature and followed with artiﬁcial aging. Fourth, in the T8XX
process the sheets with different thicknesses were cold rolled with a
rolling speed of 2m/min and reductions of 10%, 20%, 30%, 40%,
60%, and 80% (true pre-strains of 0.11, 0.22, 0.36, 0.51, 0.92,
and 1.61, respectively) up to a ﬁnal thickness of 1.5 mm, which
was the same for all the samples (Fig. 1b). The direction of hot rolling
and cold rolling was also the same. In all material conditions, the ﬁnal
artiﬁcial aging was performed at 190 1C for 0.5–96 h in the chamber
furnace with air circulation.
The hardness measurements were performed on cross-
sectional surfaces of the samples cut transversely to the rolling
direction. A Wilson Wolpert 402 MVD hardness tester with a
constant load of 2 N and loading time of 15 s was used. At least ten
indentations in arbitrarily selected areas for each data point were
performed to determine the average value and standard deviation
of Vicker's hardness (HV0.2) for each condition. The tensile tests
were performed using an Instron 5882 testing machine at ambient
temperature and an initial strain rate of 2103 s1 on ﬂat
specimens with a 16-mm gauge length and a 31.5-mm2 cross
section after aging at 190 1C for 2 h. These specimens were cut
with the tensile axis in the longitudinal (L) and transversal
(T) directions relative to the rolling direction. For each material
condition, three or ﬁve tensile tests were conducted, and the YS,
UTS and elongation-to-failure, δ, were determined by averaging
these parameters of three or ﬁve tests.
Samples were electropolished in a solution of 30% nitric acid
and 70% methanol at 30 1C using a Tenupol-5 twin-jet polishing
unit for transmission electron microscopy (TEM). The thin foils
were examined using a FEI TECNAI-G2 TEM with a double-tilt
stage and a ﬁeld emission gun operated at 200 kV. TEM observa-
tions were carried out in transmission and scanning (STEM)
modes. This TEM was equipped with an EDAX energy dispersive
X-ray analyzer. The apparent diameter (D) and thickness (h) of the
Ω-phase plates were measured from TEM images with the electron
beam orientated parallel to the [011]α zone axis of the matrix. In
this case, 1/2 (2/4) of the hexagonal plates of the Ω-phase can be
imaged as rectangles due to orthogonal projection of particle
plates to the image plane (Variants 1 and 2, Fig. 2). Approximately
300–400 measurements of the plate dimensions for each condi-
tion were performed using at least ten arbitrarily selected typical
TEM images for each data point. The foil thickness, t, was
determined by the convergent beam electron diffraction (CBED)
method using Kossel–Möllenstedt fringes in two-beam condition,
which is based on the fact that the distance between a weak fringe
and a strong bright fringe in an excited hkl CBED disc of high-order
Laue zone (HOLZ) is sensitive to foil thickness [26]. The number
density per unit volume, NV, of the Ω-phase precipitates was
deﬁned using the equation at work [27], which was modiﬁed
taking into account the fact that the Ω plates precipitate on the
{111}α planes (Fig. 2): NV ¼
NþN ðtþDaveÞ=
ﬃﬃﬃﬃ
AS
p 
AS tþDaveð Þ , where N is a number
of counted particles on the TEM image (Variants 1 and 2), AS is a
respective area on the TEM image, and tþDave is the thickness of
the foil area from which the size and number density of pre-
cipitates were measured. The standard deviations associated with
the measurements of the diameters and thicknesses of the Ω
plates (Figs. 13 and 14 and Table 1) were derived from the particle
size distributions. The density of lattice dislocations, ρd, was
estimated using intercept relationship ρd ¼ ð1=tÞ ðn1=L1Þþ

ðn2=L2ÞÞ [26,28], where n1 and n2 are the numbers of intercepts
on the sets of orthogonal lines of total lengths L1 and L2 on the
normal TEM or STEM images. Average value and standard devia-
tion of lattice dislocation density and number density of precipi-
tates were estimated on ten arbitrarily selected typical TEM
images for each data point. The total volume fraction (f) of Ω
plates within the grain/subgrain interiors was calculated as
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f ¼ πðD2ave=4ÞhaveNV , where have is the average thickness of the Ω
plates.
3. Results
3.1. Hardness
Fig. 3 depicts the Vicker's hardness as a function of time for
96 h in the T4, T6, T65X and T8XX conditions. The hardness of the
Fig. 1. Scheme of the TMPs (a) in non-deformed (T6 temper) and (b) pre-deformed conditions (T65X and T8XX tempers).
Fig. 2. Schematic diagrams showing spatial orientation of Ω-phase relative to zone
axis of 〈110〉α parallel to the electron beam.
Table 1
Effect of pre-strain followed by aging at 190 1C for 2 h on the precipitate statistics of
the Ω plates within the grain/subgrain interiors.
Pre-
deformation
Plate
diameter, D
(nm)
Plate
thickness, h
(nm)
Aspect
ratio
Number
density, NV
(μm3)
Volume
fraction f,
(%)
0% 20.8710.9 0.9970.22 21.01 993171409 0.33
1% (ε0.01) 48.3724.6 1.0870.35 44.72 361571067 0.72
3% (ε0.03) 33.4716.1 0.7870.23 42.82 698271668 0.48
5% (ε0.05) 31.6717.4 0.7370.20 43.3 617971738 0.35
7% (ε0.07) 36.0716.4 0.9070.24 40.0 542171218 0.50
60%
(ε0.92)
18.779.0 0.8770.21 21.5 727471819 0.17
80%
(ε1.61)
22.979.5 0.8170.18 28.3 748871890 0.25
Fig. 3. Effect of (a) time for the alloy in T4 (naturally aged, NA), T6 (0%þaging at
190 1C), T65X (3% (ε0.03) and 7% (ε0.07)þaging at 190 1C) and T8XX (10%
(ε0.11), 40% (ε0.51), 60% (ε0.92)þaging at 190 1C) conditions and (b) strain
through tension with strains from 1 to 10% (ε0.01–0.10) and rolling with
reductions from 10% to 80% (ε0.11–1.61) on hardness.
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as-quenched specimen was approximately 92 HV0.2. During nat-
ural aging, the hardness starts to increase after 2 h to a maximum
of 125 HV0.2 at 20 h (Fig. 3). Therefore, no rapid hardening,
which is an important feature of Al–Cu–Mg alloys [15], occurs.
During artiﬁcial aging, the hardness of the non-deformed speci-
men increased gradually to a peak of 166 HV0.2 at 2 h. For
specimens tensioned at 3% (ε0.03), the hardness peak shifts
for 6 h (Fig. 3a). Further increases in the pre-strain shift the
hardness peak to short time aging. However, the peak hardness
of 168 HV0.2 is independent of the pre-straining for the T65X
condition (Fig. 3a). This result is in contrast with the previous
work [15] in which pre-straining via rolling with a reduction of 6%
leads to decreased peak hardness and shifts to longer time under
artiﬁcial aging at 160 and 200 1C.
Cold rolling is more effective for strengthening alloys than
tension (Fig. 3b). The hardness of the alloy subjected to cold rolling
with 10% (ε0.11) is slightly higher than the alloy tensioned with
10% (ε0.10). The average hardness of the as-quenched and cold-
rolled samples were consistently increased to 157, 168 and
185 HV0.2 after true strains of 0.11, 0.51 and 0.92, respec-
tively. The pre-straining before peak aging results in an accelera-
tion of the overall precipitation kinetics and increasing peak
hardness with increasing strain [20]. The peaks of 175, 182
and 192 HV0.2 were achieved after 1–2 h of aging. In the over-
aging stage, the hardnesses of the cold rolled specimens decrease
faster than in the T6 or T65X conditions. After 20 h of aging, the
hardness is independent of pre-strain (Fig. 3a).
3.2. Mechanical properties
The typical engineering stress–strain curves of the alloy and the
effect of time on YS, UTS and total elongation-to-failure (δ) are
presented in Figs. 4 and 5, respectively. The shape of the σ–ε
curves is similar for all material conditions (Fig. 4). The σ–ε curves
are typical for peak-aged aluminum alloys with a high (Z0.9) σ0.2/
σB ratio, which tends to increase from 0.9 in the T6 condition to
0.95 in the T880 condition. Limited strain hardening takes place
after yielding, and an apparent steady state is attained after a
small strain (Fig. 4). A signiﬁcant uniform elongation is provided.
In the T65X condition, the increasing pre-strain leads to decreased
strength and increased ductility (Fig. 5), which is attributed to a
shift in the peak strength to Z3 h (Fig. 3a). At ε0.10 (10%
tension) and ε0.11 (10% rolling), the YS, UTS and δ values in the L
direction are the same (Fig. 5a and b). After 40% (ε0.51), the YS
increase is þ18% and the UTS increase is þ13% in comparison with
the T6 condition, but a decrease in the elongation-to-
failure takes place. An insigniﬁcant anisotropy of the mechanical
properties is observed in this strain interval. The YS and UTS
values in the L direction are greater by 10–20 MPa than those of
the samples tested in the T direction. Therefore, the material in the
T810–840 conditions exhibits essentially isotropic strength char-
acteristics. In contrast, there is about a two-fold anisotropy in
ductility after rolling with reduction of 10% (ε0.11). This aniso-
tropy diminishes with increasing rolling reduction.
The main feature of the mechanical behavior of the material
rolled with 40% (ε0.51) is increasing YS and UTS values in T
direction with increasing pre-strain, while these values in the L
direction remain nearly unchanged. After 80% (ε1.61), the YS and
UTS in the transverse direction are higher by 50 MPa than those
of the samples tested in the L direction. The alloy in the T880
condition exhibits minor anisotropy in its mechanical behavior. No
anisotropy in ductility was found after extensive rolling.
3.3. Deformation microstructure
The microstructure of the alloy in as-quenched condition has
been described in detail in previous works [7,24,25]. Boundary
particles of the primary θ-phase and ternary W-phase play no role
in dispersion hardening. Nanoscale particles of β0-phase (Al3Sc)
with coherent interfaces were located within the aluminum
matrix and may effectively pin mobile dislocations [29]. However,
their distribution is non-uniform, and their volume fraction is low
[24]. As a result, this dispersion may affect the formation of
dislocation structures only locally within separate initial grains
[25]. The dislocation density in the as-quenched condition was low
(ρd21012 m2).
Tension greatly increases the density of the lattice dislocations
by a factor of 100 or even higher (Figs. 6 and 7). At a strain of 7%
(ε0.07), tangled dislocations are observed, and the dislocation
density reaches ρd1.81014 m2 (Fig. 6a). Tension and cold
rolling produce nearly the same dislocation density in the strain
interval of 7–60% (ε0.07–0.92) (Fig. 7). The main difference
between these two deformation techniques consists of deforma-
tion banding, which was found only in the cold rolled samples.
After rolling to 10% (ε0.11), the poorly deﬁned deformation
bands could be distinguished (Fig. 6b). It is apparent that the
deformation band thickness is affected by the interparticle spacing
of the W-phase (Fig. 6c). The deformation structure remained
nearly unchanged (Fig. 7) upon further deformation up to 40%
(ε0.51). The formation of well-deﬁned deformation bands takes
place at 60% (ε0.92) (Fig. 6d). At 80% (ε1.61), two or more
families of deformation bands and shear bands delimited by
dislocation-free boundaries evolved (inset in Fig. 6e). The initial
grains are subdivided into separate crystallites bounded by dis-
location boundaries. The dislocation density within these crystal-
lites reaches a very high value of 21015 m2.
3.4. Precipitation behavior during pre-straining
The samples were held from 12 to 24 h after pre-straining
before microstructural characterization. Huang et al. [23] recently
showed that pre-straining effectively suppresses the formation of
the GP zones and other transition phases during natural aging in
Al–Cu alloys, but the regular precipitation sequence may be by-
passed with the assistance of strain-induced defects. To evaluate
the effect of pre-straining on the distribution of secondary phases,
microstructural analysis of samples tensioned with 7% (ε0.07)
and cold rolled with 80% (ε1.61) was performed (Figs. 8a and 9a,
respectively).
Fig. 4. Typical engineering stress–strain (σ–ε) curves for the alloy in the as-
quenched condition and then subjected to tension with 5% (ε0.05) and rolling
with a reduction of 30% (ε0.36) and 80% (ε1.61) followed by aging at 190 1C for
2 h in the T and L directions.
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The corresponding SAED patterns do not exhibit continuous
diffuse streaks (Fig. 8b) parallel to the 〈100〉α directions through
the {200}α spots in the Cu-rich GP zones [11,12]. The faint streaks
with maximum intensities near the 1/2{200}α positions (arrows in
the SAED shown in Fig. 8b) can result from CuþMg-rich GPB
(Guinier–Preston–Bagaryatsky) zones precipitated in Al–Cu–Mg
alloys during early stages of natural aging [11,12,30–34]. However,
no unambiguous evidence for the formation of the GPB zones was
obtained under tension followed by natural aging. The detailed
analysis of the SAED patterns for the alloy after tension and cold
rolling (Figs. 8c and 9b, respectively) does not show any streaks
parallel to the 〈111〉α directions caused by the shape effects of
plate-like precipitates in the {111}α planes from Mg–Ag co-clusters
[8]. Therefore, pre-straining ceases the formation of GP zones or
Mg–Ag co-clusters under subsequent natural aging.
Two types of precipitations after pre-straining under tension
were revealed (Fig. 8). The TEM images did not allow for distin-
guishing the ﬁne precipitates in the cold deformed condition
because of the crystallographic contrast due to the high dislocation
density. However, the ﬁrst type of secondary phases was classiﬁed
by analyzing the SAED patterns taken on 〈100〉α. In Fig. 8a (inset),
these particles have distinct {021}α habit planes, which corre-
spond to the lath-shaped S-phase (Type I or S1) observed pre-
dominantly in Al–Cu–Mg alloys after artiﬁcial aging [12,31–33].
Particles of this phase have a thickness of 5 nm or less and exhibit
speciﬁc contrast indicating a coherent strain. Therefore, these
particles are in fact the S0-phase, which is the coherent/semi-
coherent form of the S-phase nucleated on dislocation loops
[12,31–34]. The diffraction spots respective to the orientation
relationships (ORs) and crystal structure of the S-phase could
not be distinguished on the SAED pattern because the volume
fraction of this phase was very small. The diffraction spots at the 1/
2{220}α positions (circled in SAED of Fig. 8b) were identiﬁed as
originating from the θ0-phase [11,12]. Thus, there is evidence of
the formation of transient S0-phase and θ0-phase under tension
followed by natural aging. It is apparent that pre-straining pro-
motes nucleation of these phases on dislocations. The same phases
were identiﬁed after extensive rolling.
3.5. Precipitation behavior during aging
Taking into account the aforementioned data, we may presume
that in the peak aged specimens the distributions of secondary
phases described below have little sense to natural aging, which
occurs in the as-quenched alloy (Fig. 3a), and result from artiﬁcial
aging, mainly. Bright-ﬁeld TEM images of the alloys after pre-
straining with 7% (ε0.07) followed by under-aging at 190 1C for
0.5 h are shown in Fig. 10. Two types of particles in the forms of
platelets with {111}α habit planes and needle shapes with the
main axis along 〈001〉α were identiﬁed as the Ω-phase and the
S″-phase (GPB2 [31–35]), respectively. It is worth noting that
GPB/S″-phase precipitates after long-term artiﬁcial aging in
Al–Cu–Mg alloys [12,31,33] and its precipitation after 0.5 h even
at 190 1C is quite unusual. The morphologies of these particles
were conﬁrmed by the projections taken on the 〈110〉α and 〈100〉α
zone axes in Fig. 10a and b, respectively. The weak diffraction
streaks caused by the rod-shape of the S″-phase (GPB2) [12,32]
and located parallel to the 〈001〉α direction are arrowed in the
SAED pattern in Fig. 10a. The preferred orientation of the Ω-phase
plates was conﬁrmed in the SAED pattern, where different streak
intensities were found in the 〈111〉α and 〈111〉α directions (Fig. 10a).
Bright-ﬁeld TEM images of alloys pre-strained using tension
and rolling followed by peak aging at 190 1C for 2 h are shown in
Figs. 11 and 12, respectively. In all conditions, the electron beam
was parallel to the 〈110〉α direction. The effect of the pre-strain on
the characteristics of the Ω-phase after the aging is summarized in
Table 1 and Fig. 13. In general, two types of secondary phases were
observed. In addition, there are differences in the morphologies
between the particles belonging to each type. The ﬁrst type of
secondary phase is the Ω platelets; their volume fraction is high.
The particles of this phase are uniformly distributed within the
aluminum matrix at pre-strains of r40% (εr0.51) (Fig. 11). No
evidence for a dominant orientation of the Ω plates along the
{111}α plane was found in the SAED patterns. The pre-straining
affects the dimensions and number density of the Ω-phase
particles (Figs. 12 and 13, Table 1). The pre-straining of 1%
(ε0.01) leads to a þ180% increase in the average diameter of
the Ω-phase, while the plate thickness remains unchanged. The
aspect ratio increases from 21 to 45. At the same time, the
number density, NV, decreases by a factor of 2.7. Further
increases in the tension strain lead to decreasing dimensions of
the Ω-phase, but the aspect ratio retains the high level of 40
(Table 1). The NV value increases and, at 3% (εZ0.03), is about
two-fold greater than the number density of the alloy pre-strained
at 1% (ε0.01) (Table 1). At 440% (ε40.51), the aspect ratio
decreases to 25 due to a decrease in the plate diameter (Table 1,
Fig. 12). Thickness of the Ω-phase ranges from 0.75 to 1 nm.
Two types of the Ω-phase were observed after rolling with
reductions of Z10% (εZ0.11) (Fig. 12a and b). The ﬁrst type was
described above. The second type is thick Ω plates with thick-
nesses of 2.2–2.5 nm and low aspect ratios of 12 (Fig. 14). At
Fig. 5. YS, UTS (a) and elongation-to-failure and (b) as functions of pre-strain followed by aging at 190 1C for 2 h in L and T directions to the deformation axis.
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Z60% (εZ0.92), these thick plates are enriched by Mg and Ag
atoms in addition to Cu atoms (Fig. 15) and form chains at the
boundaries of the deformation bands or shear bands (Figs. 6e and
12a). There is a difference between two types of the Ω-phase.
The thick plates have predominant orientations along the orienta-
tion of the deformation-induced boundaries, which is close to the
{111}α plane. The angle between the normal of the boundary plane
and the normal of the Ω-phase platelets ranges from 0 to 451 to ﬁt
the orientation of this phase to a {111}α habit plane. Only one
broad interface of a thick Ω-phase retains fully coherent conﬁg-
uration and speciﬁc OR [1,3–5,8,12,14], while the opposite broad
interface has a fully or partially semi-coherent structure, and OR at
this interface deviate from the (001)Ω//(111)α on the value of
misorientation (Z41) of a deformation-induced boundary
(Fig. 16). This deviation is attributed to the high density of the
thickening ledge [4,8,17,25] on the semi-coherent board interfaces.
Therefore, the deformation banding leads to the appearance of
relatively coarse platelets of the Ω-phase along the {111}α plane
with a semi-coherent interface due to heterogeneous nucleation
and accelerated growth at dislocation boundaries or boundaries
of shear bands. The second type of the Ω-phase could not
exhibit unique characteristics, which are inherent to this phase
[4,5,12–15,34].
The second type of precipitations is the θ0-phase and S0-phase
(Figs. 11, 12 and 17). Their volume fraction is low. The θ0-phase
particles have {001}α habit plane and are nucleated at dislocations.
The precise diffraction streaks originating from this phase and
located parallel to the 〈001〉α direction are arrowed in the SAED
Fig. 6. The representative bright-ﬁeld TEM (a) and STEM images (b–e) of microstructure evolution during tension with 7% (ε0.07) (a) and cold rolling with 10% (ε0.11)
(b), 40% (ε0.51) (c), 60% (ε0.92) (d) and 80% (ε1.61) (e). RD – rolling direction and DB – deformation band.
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pattern taken along 〈110〉α zone axis in Fig. 11. These streaks are
attributed to the plate-like shape of the θ0-phase aligned along the
〈100〉α plane. The θ0-plates exhibit strong coherency-strain ﬁelds.
The S0-phase particles exhibit an essentially round shape with an
average size of 5 nm (Fig. 17). This disperoid locates at grain
boundary and has a semi-coherent interface with Grain K and
incoherent interface with Grain M (Fig. 17). The S0-phase demon-
strates a well-deﬁned orthorhombic structure (space group Cmcm,
lattice parameters: a¼0.405 nm, b¼0.927 nm, c¼0.718 nm) and
101 deviation from the speciﬁc ORs with Grain K ([100]S//[100]α,
[010]S//[021]α, [001]S//[012]α) (Fig. 17) that is typical for Type I
(or S1) S phase [31,34]. No evidence was found for the appearance
of Type II S-phase (S2) or S″-phase [12,31,34].
4. Discussion
4.1. Effect of pre-straining on the precipitation sequence
The plastic deformation applied before aging introduces a large
dislocation density even after a small pre-strain, which modiﬁes
the precipitation sequence (1). The experimental data suggest that
the precipitation sequence (2) for the pre-strained Al–Cu–Mg–Ag
alloys developed in early works was oversimpliﬁed. It is apparent
that the precipitation of the Ω-phase and the S-phase occur
independently through a sequence of metastable phases, and
therefore, they should be considered separately. In addition,
precipitation sequences within aluminum matrix and on
deformation-induced defects are distinctly different.
The precipitation sequence of the Al–Cu–Mg–Ag alloy sub-
jected to 1–80% (ε0.01–1.61) pre-strain can be written within
grain interiors as follows:
SSSS-GPB2=S″ phase-Ω phase ð3Þ
and on dislocations and deformation-induced boundaries as fol-
lows:
SSSS-θ0  phaseþS1 phase-Ω phaseþθ0  phase
þS1 phase ð4Þ
The plastic deformation disrupts co-clusters of Ag–Mg aggre-
gating with Cu atoms, which stops the formation of GP zones
within grain interiors. It is apparent that Ag solutes revert into the
solid solution. In the present work no distinct evidence was
obtained for the formation of Cu–Mg co-clusters, which has
structure and orientation similar to ones for the Ω-phase, due to
lack of speciﬁc diffraction spots or steaks in selected area diffrac-
tion or phase contrast [6,8,11,12,14,32,35]. However, there are two
indirect evidences for the occurrence of this clustering. First, well-
deﬁned Stage I of hardening takes place under natural aging but
after relatively long holding (Fig. 3) [12,34]. It seems that Ag solute
hinders the formation of these clusters. Second, the formation of
GPB2/S0 0-phase takes place, and Cu–Mg co-clusters play a role of
precursor for this phase [12,33,34]. There is yet no direct evidence
that Cu–Mg co-clusters act as precursors for the Ω-phase without
the presence of Ag [14]. However, the Ω-phase may precipitate in
Ag-free Al–Cu–Mg alloys subjected to cold working and subse-
quent artiﬁcial aging [6,14,30]. It is apparent that very thin plates
of the Ω-phase precipitate independently from the supersaturated
solid solution subjected to cold working. That is why the pre-
straining of 1% by tension results in drastic changes in the
dispersion of the Ω-phase. The formation of high dense precipita-
tion of the Ω-phase leads to dissolution of GPB2/S0 0-phase in
accordance with Gibbs–Thomson schema [17].
Gliding dislocations sweep the Cu atoms, which leads to the
formation of the θ0-phase at these dislocations during natural or
artiﬁcial aging following the pre-straining. In addition, dislocations
comprising boundaries sweep the Mg and Ag atoms. It leads to the
formation of Type I S-phase [34] and the Ω-phase at these boundaries
during artiﬁcial aging following extensive rolling. The morphology of
these phases is unique. A part of the broad interfaces of these phases is
a semi-coherent structure. This may lead to a high coarsening rate of
boundary particles of the Ω-phase due to the intensive migration of
existing ledges along a ﬂat interface [4]. This coarsening process ﬁnally
leads to the in situ allotropic transformation of the Ω-phase to the
thermodynamically stable θ-phase with incoherent interfaces. It was
Fig. 7. Evolution of the dislocation density (ρd) within the crystallites after the
tension and cold rolling. The alphabetical designations correspond to the micro-
structure in Fig. 5.
Fig. 8. Bright-ﬁeld TEM image of the microstructure (a), respective SAED patterns taken on 〈100〉α (b) and 〈110〉α zone axis, and (c) for the alloy after 7% pre-deformation.
The SAED pattern image was inversed and corrected for the contrast view of the diffraction spots.
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not evident in the present work. However, a similar process of phase
transformation of the Ω-phase was observed under plastic deforma-
tion at 250–300 1C [7,25].
4.2. Effect of pre-straining on the mechanical properties
The high strength of the Al–Cu–Mg–Ag alloy in the peak-aged
condition is attributed to the superposition of different
strengthening mechanisms. In the as-quenched material, the
dispersion of the Ω-phase platelets is the main contributor to
the overall strength. The role of the S-phase is minor due to its low
volume fraction. Pre-straining followed by peak aging changes the
hardening mechanisms. Three pre-strain intervals could be dis-
tinguished by the effect of the deformation structure on the
precipitation behavior and mechanical properties. At very small
strains r1% (εr0.01), an increase in the dislocation density
is compensated by the decreasing number density, NV, of the
Ω-phase. It is known [2,3,10] that the increase in the strength
produced by the {111}α plates of this phase is superior, and
increasing the aspect ratio of the platelets of this phase increases
the strength originating from these very shear-resistant precipi-
tates. Decreasing the NV value of the Ω-phase plates lying on the
{111}α planes strongly reduces their strengthening ability [19]. The
probability of an encounter between a dislocation gliding on a
{111}α plane and the Ω-phase plates signiﬁcantly decreases, which
leads to an increased mean free path of the mobile dislocations,
decreasing the strengthening effect originating from the Ω-phase
despite its increased volume fraction.
In the strain interval of 3–10% (ε0.03–0.51), the precipitates
have an approximately constant aspect ratio of 40–45 and
number density of 6103 μm3, which is more than the
optimum strengthening value for NV [19] by a factor of 6. As a
result, the contribution of the Ω-phase plates to the dispersion
strengthening is independent on the pre-strain. The increasing YS
in this interval of pre-strains is attributed to the increasing
dislocation density with pre-strain and nucleation of θ0-phase
and S0-phase at these dislocations. At pre-strains Z10% (εZ0.11),
the contribution of the Ω-phase plates to the overall strength
decreases due to the nucleation of this phase at dislocation
boundaries, which decreases the aspect ratios of these plates
within grain interiors. This decrease is compensated by an increas-
ing contribution of the deformation strengthening due to increase
of dislocation density with pre-strain. In addition, the grain size
strengthening attributed to the formation of well-deﬁned defor-
mation bands starts to play an important role in the overall
strengthening [36]. It is worth noting that the formation of
deformation bands in the preferential direction is responsible for
the appearance of strength anisotropy [37,38]. The preferred
orientation of the thick plates of the Ω-phase along these bound-
aries may also contribute to this anisotropy. The combination of
these three strengthening mechanisms provides excellent YS and
Fig. 9. Bright-ﬁeld TEM image of the microstructure (a) and respective SAED patterns taken on 〈110〉α zone axis (b) for the alloy after 80% (ε1.61) pre-strain by rolling. The
SAED pattern image was inversed and corrected for the contrast between the diffraction spots. RD – rolling direction.
Fig. 10. Bright-ﬁeld TEM images of the microstructure after 7% (ε0.07) pre-strain
using tension and aging at 190 1C for 0.5 h. For direct comparison, the images are
taken in similar areas on the 〈110〉α (a) and 〈100〉α zone axes (b). The SAED pattern
image was corrected for the contrast between the diffraction spots.
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UTS in the Al–Cu–Mg–Ag alloys due to the peak-aged conditioning
after pre-straining by cold rolling with a reduction of 80% (ε1.61)
despite the low aspect ratio of the Ω-phase platelets. However, the
appearance of a thick Ω-phase with local semi-coherent edge faces
may reduce the fracture toughness and creep resistance of the
alloy [39]. These properties are critically important for the use of
Al–Cu–Mg–Ag alloys in the aviation industry. The optimal TMP is
T840 temper, which allows for the retention of a dispersion of thin
Ω-phase plates and provides high strength that is only slightly less
in the L direction than after the T880 temper.
5. Conclusions
1) Pre-strain by cold rolling is effective in increasing the strength of
Al–Cu–Mg–Ag alloys. In the T6 condition, the YS and UTS of the
alloy are 47874 and 52278 MPa, respectively, with
δ8.071.3%. In the T840 condition, this alloy exhibits YS and
UTS of 52776 and 57276 MPa, and the elongation-to-failure, δ,
is 6.370.7% in the longitudinal test direction. Under both of
these conditions, the alloy contains dispersions of thin plates of
the Ω-phase within grain interiors and on grain boundaries,
respectively. Further increases in the rolling reduction prior to
aging lead to insigniﬁcant increases in the strength in the T
direction, the appearance of anisotropy in the mechanical
behavior and the precipitation of thick plates of the Ω-phase
on the deformation-induced grain boundaries.
2) Pre-strain prior to aging signiﬁcantly changes the precipitation
sequence, which can be written within grain interiors as
follows:
SSSS-GPB2=S″ phase-Ω phase
Fig. 11. Bright-ﬁeld TEM images and respective SAED patterns taken along 〈110〉α directions for the alloy pre-stretched to 0% (a), 1% (ε0.01) (b), 3% (ε0.03) (c) and 7%
(ε0.07) (d) and aged at 190 1C for 2 h.
Fig. 12. Bright-ﬁeld TEM images and SAED patterns taken along 〈110〉α directions
for alloy cold rolled to 60% (ε0.92) (a) and 80% (ε1.61) (b).
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Fig. 13. Effect of pre-strain followed by aging at 190 1C for 2 h on the distributions of (a) the diameters and (b) the thicknesses of the Ω-phase plates within the grain/
subgrain interiors.
Fig. 14. Distributions of (a) the diameters and (b) the thicknesses of the Ω-phase plates nucleated on the boundaries, outlining the deformation bands for the alloy pre-
strained using rolling with a reduction of 60% (ε0.92) and 80% (ε1.61) followed by aging at 190 1C for 2 h.
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and on dislocations and deformation-induced boundaries as
follows:
SSSS-θ0  phaseþS1 phase-Ω phaseþθ0  phase
þS1 phase
Pre-strain disrupts the clustering of Ag–Mg with Cu atoms,
which stops the formation of GP zone and facilitates the
precipitation of the θ0-phase and the Type I S0-phase at disloca-
tions. The formation of well-deﬁned deformation bands
induces the boundary precipitations of thick Ω-phase plates
and dispersoids of S1-phase with size r5 nm and round shape.
One half of broad interfaces of the Ω-phase is fully coherent,
while the other part has a fully or partially semi-coherent
structure.
Fig. 15. Bright-ﬁeld STEM image and distribution of Cu, Mg and Ag in selected plane for the alloy subjected to cold rolling with 60% (ε0.92) and aging at 190 1C for 2 h.
Fig. 16. High-resolution TEM images taken along 〈110〉α direction for the alloy cold rolled to 80% (ε1.61) and aged at 190 1C for 2 h. The distribution of the coherent (CI) and
semi-coherent broad interfaces (Semi-CI) of thick Ω plates can be observed.
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Fig. 17. Bright-ﬁeld TEM and high-resolution TEM images of S-phase precipitate for
the alloy subjected to cold rolling with 80% and aging at 190 1C for 2 h. Zone axes of
〈110〉α and 〈073〉S.
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